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Plastic deformation in silicon nitride ceramics via
bond switching at coherent interfaces
Jie Zhang1†, Guanghua Liu1†, Wei Cui1†, Yiyao Ge1, Songmo Du1, Yixuan Gao2, Yuyang Zhang2,
Fei Li1, Zhanglin Chen1, Shixuan Du2, Kexin Chen3*

Covalently bonded ceramics exhibit preeminent properties—including hardness, strength, chemical
inertness, and resistance against heat and corrosion—yet their wider application is challenging because
of their room-temperature brittleness. In contrast to the atoms in metals that can slide along slip
planes to accommodate strains, the atoms in covalently bonded ceramics require bond breaking because
of the strong and directional characteristics of covalent bonds. This eventually leads to catastrophic
failure on loading. We present an approach for designing deformable covalently bonded silicon nitride
(Si3N4) ceramics that feature a dual-phase structure with coherent interfaces. Successive bond
switching is realized at the coherent interfaces, which facilitates a stress-induced phase transformation
and, eventually, generates plastic deformability.

C
ovalently bonded ceramics such as sili-
con nitride (Si3N4) have attractive me-
chanical, chemical, and physical properties
that feature high-temperature tolerance,
superior hardness, excellent wear and

corrosion resistance, relatively high thermal
conductivity, and electrical insulation. These

properties make the ceramics suitable for ap-
plications such as high-temperature structural
materials, cutting tools, bearings, and substrates
in electronic packaging (1–5). For example,metal
components in gas turbine engines are re-
placed with covalently bonded ceramics to
improve efficiency (6–8). However, ceramics

tend to be brittle, such that even a tiny crack
can lead to catastrophic failures without ob-
servable plastic deformation. This problem
severely restricts the applicability of ceramics.
Mechanistically, because of the strong and
directional characteristic of covalent bonds,
local plastic deformation in covalently bonded
ceramics is normally initiated via the bond-
breaking mechanism (9). Unfortunately, this
process induces nucleation, growth, and coales-
cence of nanopores, eventually leading to brittle
fracture (10). Although numerous efforts have
been devoted to toughening covalently bonded
ceramics by interlocking the microstructures
with elongated grains or designing laminated
structures (11–21), and certain deformability
of amorphous ceramics has been observed
(22–24), covalently bonded crystalline deform-
able ceramics have yet to be achieved as a
result of the intrinsic strong and directional
characteristics of covalent bonds. As such,
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Fig. 1. Microstructure of dual-phase a/b-Si3N4 ceramics with coherent
interfaces. (A) Phase map of the a/b-Si3N4 sample with precession electron
diffraction. (B) TEM image of an a/b coherent interface (highlighted by the
orange dashed line). The white dashed line indicates the outline of the Si3N4

grain. The area enclosed by the white dashed square is discussed in (D).
(C) Fast Fourier transform at the interface shows that the a and b subgrains
have a specific orientation relationship of [010]a//[010]b, [001]a//[001]b, and
(100)a//(100)b. (D) HAADF-STEM image showing the a and b phase atomically

matched along the [001] direction at the interface. The image corresponds to the
area marked by the white dashed square in (B) and is rotated here to make
the coherent interface horizontal. (E) Close-up iDPC-STEM image [corresponding
to the area marked by the orange dashed square in (D)] showing the atomic
stacking order at the coherent interface; the B-layer atoms of the a phase are
shared with the b phase to form the interface atomic layer. (F) Atomic model
corresponding to the observation; Si and N atoms are represented as blue and
orange spheres, respectively. d, d-spacing in the crystal.
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realizing the plastic deformability of covalently
bonded crystalline ceramics has been a long-
standing and critical challenge.
Macroscopic plastic deformation in response

to external loading is often an accumulative
result of successive multiple atomic displace-
ments. In alloys with metallic bonds, plastic
deformation is realized by local atomic dis-
placements that proceed through switching
one or a few interatomic bonds at a time
along the lattice planes, also known as dis-
location motion (25, 26). Stress-induced phase
transformation and the consequent plastic-
ity have been realized in metallic materials
and even in ionically bonded ceramics such
as ZrO2 (27–32) with nondirectional bond-
ing. Although this mechanism has enabled
plastic deformation in other materials, it has
remained elusive in covalently bonded ceramics
(33), mainly because of the directionality of
covalent bonds.
Theoretically, it could be possible to achieve

macroscopic plastic deformation in covalently
bonded ceramics provided that bond breaking
in covalent bonds occurs in a very small
volume together with immediate healing by
new bond formations, which we define as
bond switching in this text. In this sense, the
energy barrier needs to be lower for local
atomic rearrangement to enable a relatively
easy transition of one bonding configuration
to another, and simultaneously, the lattices on
both sides of the slip plane must have roughly
the same unit atomic distance to ensure suc-
cessive atomic translation in crystalline cera-
mics (34).
Accordingly, a dual-phase structure with a

coherent interfacemaymeet these requirements
and serve as a good candidate to realize phase
transformation–mediated plastic deformation
via bond switching in covalently bonded crys-
talline ceramics. Here, we demonstrate this
design strategy in Si3N4, a typical covalently
bonded crystalline ceramic of wide interest
(35–40). Under normal conditions, Si3N4 has
two polymorphs, the a and b phases. These
two polymorphs have similar hexagonal lattice
structures composed of corner-shared [SiN4]
tetrahedra, that is, their lattice constant is
almost the same along the a direction but
differs along the c direction, with the lattice
constant of a being twice that of b (41, 42). Such
a crystallographic configuration allows Si3N4

to potentially possess coherent phase inter-
faces in the crystals. Given this, we designed
a dual-phase a/b-Si3N4 ceramic with coherent
interfaces and observed substantial plastic de-
formation in the ceramic.

Microstructure characterization of a/b-Si3N4

with coherent interfaces

Bulk Si3N4 ceramics are usually prepared by
liquid-phase sintering from a-Si3N4 powder,
inwhich the a→b phase transformation occurs

via the dissolution-reprecipitation mechanism
(43, 44), and consequently, the sintered dense
Si3N4 ceramics are mostly single-phase b-Si3N4.
Using a method that largely differs from the
conventional process, we prepared the dual-
phase a/b-Si3N4 ceramics (hereafter referred
to as a/b-Si3N4) with a varying fraction of co-
herent a/b phase interfaces through precise
control of the sintering parameters to quench
the a→b transformation (45). During this
process, the a- and b-Si3N4 grains with a spe-
cific orientation relationship were directly in-
tegrated (Fig. 1).
We examined themicrostructure of a/b-Si3N4

using high-angle annular dark-field scanning
transmission electron microscopy (HAADF-
STEM). The sample showed a dual-phase grain
structure, where each grain consists of both
a- and b-Si3N4 with a coherent interface be-
tween the two phases (Fig. 1, A and B). Further
analysis at the interfaces shows that the a and
b subgrains have a specific orientation rela-
tionship of [001]a//[001]b and (100)a//(100)b
(Fig. 1C and fig. S1), where the angle mismatch
between the a and b subgrains is less than 1.8°
(Fig. S2). We did not observe sharp interfaces,
indicating a high degree of lattice matching

between the a- and b-Si3N4 (Fig. 1D). The
integrated differential phase contrast (iDPC)–
STEM image of the interface (Fig. 1E) along
the [010] direction shows the atomic columns
with periodically strong and weak intensities,
corresponding to the atomic stacking sequence
of ···ABCDABababab··· along the [001] direc-
tion. Based on the iDPC-STEM images, we
established a structure model (Fig. 1F) to
schematically reveal the highly coherent inter-
face at the atomic scale. To achieve atomic-
scale matching in a/b-Si3N4, a small lattice
distortion caused by a slight difference in
the interplanar spacings of (100) planes of
the a and b phases still exists in the b grain,
which agrees with the result of strain field
analysis (fig. S3). Clearly, the coherent a/b
interface is largely distinguished from the
conventional grain interfaces in Si3N4 ce-
ramics, where two randomly oriented grains
are separated by an intergranular glassy film
(38, 39).

Mechanical properties of a/b-Si3N4 by
nanopillar compression

We evaluated themechanical properties of the
a/b-Si3N4 samples by nanopillar compression
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Fig. 2. Mechanical behaviors of polycrystalline Si3N4 nanopillars with different proportions of
coherent interfaces (proportion of the total length of the interfaces). (A) A series of TEM images of
a/b-Si3N4 (coherent interface content is 32%) and b-Si3N4 (coherent interface content is 0) nanopillars
recorded during the in situ test; the coherent interface content was tested by transmission Kikuchi
diffraction (fig. S4). The scale bars are 200 nm, and both the nanopillars have a diameter of about 350 nm.
e, compression strain. (B) Nanopillars with a richer coherent interface showing higher engineering
stress-strain. (C and D) The measured maximum strain (C) and ultimate strength (D) versus coherent
interface content showing that both the maximum strain and ultimate strength simultaneously increase
with the proportion of coherent interface (N = 5, where N is the number of samples used to calculate the
average value and the error of each data point). Error bars represent SD.
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tests. During the sintering of Si3N4 ceramics,
densification usually occurs along with the
a→b phase transformation; both densification
andphase transformationare thermally activated
and achieved by the dissolution-reprecipitation
mechanism (43, 44). To prepare our a/b-Si3N4

samples containing coherenta/b interfaces, both
lowering the sintering temperature and short-
ening the holding time are required to limit
the a→b phase transformation and hamper the
densification process. As a result, the prepared
a/b-Si3N4 samples are not fully dense and are
prone to contain defects such as pores. Theme-
chanical properties of covalently bonded cer-
amics are sensitive to these defects,which affect
crack generation and propagation and, conse-
quently, may cause a deterioration of mechan-
ical behavior (9). To minimize the ambiguities
caused by the structural defects and reveal the
intrinsic properties of the prepared a/b-Si3N4

samples, we therefore used nanopillar-shaped
samples (rectangular nanopillars of about
350 nm by 350 nm by 250 nm) to evaluate the
mechanical properties (45).

The a/b-Si3N4 nanopillars exhibited higher
strength and plastic deformation compared
with conventional b-Si3N4 fractured just in the
elastic deformation stage (Fig. 2, A and B, and
figs. S5 to S9). The a/b-Si3N4 nanopillar (coher-
ent interface proportion of ~32%) showed a
fracture strength of 11.0 ± 0.4 GPa and a
plastic strain of about 20% (Fig. 2, C and D,
andmovie S1). For comparison, a conventional
b-Si3N4 nanopillar of almost the same size
showed a fracture strength of 4.7 ± 0.1 GPa
with no plastic deformation (Fig. 2, C and D,
and movie S2). The plastic deformation of
a/b-Si3N4 under uniaxial compression is quite
different from the localized deformation under
confined compression that is observed in nano-
indentation tests (46). The Si3N4 nanopillars
exhibited an elastic strain of ~10%, which is
considerably larger than those observed in
bulk Si3N4 samples mainly because of the
small sample size. Similar results have been
reported for other ceramics; for instance, an
elastic strain of ~8% was observed during
the compression ofMgAl2O4micropillars with

a diameter of 2.5 mm at room temperature,
which is much larger than that of the bulk
samples (<1%) (47). Furthermore, the strength
and plasticity of the a/b-Si3N4 samples showed
a strong dependence on the proportion of a/b
coherent interfaces in all the interfaces. By
increasing the proportion of coherent inter-
faces, we simultaneously enhanced the plas-
ticity and strength considerably (Fig. 2, C and
D). The effect of electron beam irradiation on
the plasticity of the a/b-Si3N4 nanopillars was
negligible, which we confirmed by nanopillar
compression tests with the electron beam
switched off (fig. S10).

Stress-induced b→a phase transformation
in a/b-Si3N4

To investigate the structural evolution upon
external loading, we performed in situ static
compression under angle dispersive x-ray dif-
fraction (ADXRD) on the a/b-Si3N4 and b-Si3N4

samples (Fig. 3A). The b→a phase transfor-
mation began at a pressure of ~10 GPa and
completed at ~35 GPa during the compression
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Fig. 3. Phase-content change of Si3N4 samples during compression under
high pressure. (A) Schematic diagram of the ADXRD test under uniaxial
pressure; the wavelength of the monochromatic x-ray beam was 0.7293 Å.
(B) Selected x-ray diffraction (XRD) spectra of b-Si3N4 and a/b-Si3N4. The
diffraction peak shifted to the right for pure b-Si3N4, the a phase never
appeared, and the b phase remained stable up to 36 GPa; by contrast, the
b phase gradually decreased until it could not be detected up to 48 GPa in
a/b-Si3N4. a.u., arbitrary units. (C) Schematic diagram of the shock experiment;
the sample was shocked through high-speed flyer (Cu) and then the phase
content was detected by XRD. The monochromatic x-ray beam had a
wavelength of 1.54178 Å. (D) XRD spectra of b-Si3N4 and a/b-Si3N4 before
and after shocking. The b phase remained stable after shocking by ~45 GPa in
pure b-Si3N4, and no a phase was observed even though obvious lattice

distortion of the b phase was induced, as indicated by the peak shift. By
contrast, the diffraction intensity of the b phase decreased in a/b-Si3N4 after
shocking; thus, the content of the a phase increased by ~7%. (E) Variation in
the a phase content under pressure. The a phase content in a/b-Si3N4

gradually increased as the pressure increased; under static pressure, the
b phase gradually transformed to the a phase and almost completely
transformed at ~34 GPa in a/b-Si3N4. Under shock load, the b→a
transformation could still occur, but the amount of phase transformation was
less than that under static pressure because the duration of the peak
pressure was extremely short. In pure b-Si3N4, the b→a transformation could
not happen, irrespective of the type of stress stimulus. The insets show
the (110) diffraction peaks of the a and b phases in a/b-Si3N4 (top) and
b-Si3N4 (bottom) after compression under different pressures.
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of the a/b-Si3N4 sample (Fig. 3, B and E, and
fig. S11). The onset pressure for the b→a phase
transformation here is higher than the yield
stress ofa/b-Si3N4nanopillars thatwe observed
in the uniaxial compression tests (Fig. 2B),
mostly because the sample here is compressed
under a constrained condition (48). After un-
loading to 0.1 MPa, only the a phase existed
and no b phase was detected (fig. S12). During

the compression of the single-phase b-Si3N4

sample, however, we did not observe any b→a
phase transformation, even under the max-
imum pressure of 54 GPa (Fig. 3B and fig. S13)
and unloading to 0.1 MPa (fig. S14). Further-
more, we performed dynamic compression
experiments for the a/b-Si3N4 and b-Si3N4

samples (Fig. 3C). We used explosion shock
to generate a pulse of pressure on the sample

with a peak stress of ~61 GPa. We observed
the b→a phase transformation during com-
pression of the a/b-Si3N4 sample (which was
incomplete due to the extremely short time
duration of high pressure) (Fig. 3D). The trans-
formation was absent in the conventional
b-Si3N4 sample.
The structural evolution that we observed

during both static and dynamic compression
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Fig. 4. A representative b→a phase transformation event revealed by in
situ TEM. (A) Bright-field images of a nanopillar at different compression
strains (ec = 0, 10.60, and 21.70%); the orange and green dashed lines
show the outlines of the a and b grains, respectively, with coherent interfaces;
outside of the dashed lines in the nanopillar are the Si3N4 grains bonded by
the glass phase. The nanopillar was compressed by the diamond flat indenter
shown in the bottom-left corner of the image. (B) Coherent structure caused the
diffraction patterns of (1-10)a and (1-10)b to overlap; hence, the dark-field
image [diffraction beam of (1-10) was captured] reveals the outlines of the
a and b grains. (C) When the diffraction beam of the (001)a was captured,

only the a grain appeared bright in the dark-field image; the projected area of
the a grain along the electron beam (Sa) is ~1.75 × 104 nm2, and the bottom
of the a grain is the coherent interface with the b grain. After compression, the
coherent interface extended into the b grain, and Sa increased to ~2.00×104 nm2.
The image drift during in situ compression was negligible, which was confirmed
by comparing the contours of the grains in dark-field images before and after
compression. (D) Sketch maps of this nanopillar at three compression stages
show the movement of the coherent interface more clearly during the
compression process. The coherent interface that separates the grains is
denoted by the red line and is labeled 1, 2, and 3.
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confirmed the occurrence of a stress-induced
b→a phase transformation in Si3N4. In the past
few decades, only the a→b phase transfor-
mation was recognized to take place, whereas
the b→a transformation has been strictly
limited because of the higher stability of b
compared with a. The b→a phase transfor-
mation has not been observed at any tem-
perature and pressure (including at tens of
GPa) (49–51). The b→a transformation that
we observed is intrinsically different from the
well-known a→b transformation, which is a
thermally induced dissolution-reprecipitation
process with the presence of a liquid phase
and strongly relies on its diffusion property.
It appears that the b→a transformation is a
stress-induced, diffusionless solid-state phase
transformation with no liquid participation.
We also found that the stress-induced b→a
phase transformation only occurred in the
a/b-Si3N4 sample but not in the b-Si3N4 sam-
ple, indicating a close relation to the dual-phase
structure, especially with the coherent interface
of our a/b-Si3N4 sample.
We used in situ transmission electronmicro-

scopy (TEM) to reveal the role of the coherent
a/b interface during the stress-induced b→a

phase transformation. We compressed an
a/b-Si3N4 nanopillar approximately along the
[001] direction of the highlighted grains of
the a and b phases with a coherent interface
(Fig. 4A) and monitored the movement of the
coherent a/b interface in a dual-phase grain.
In the nanopillar, the orange and green dashed
lines in Fig. 4A indicate the boundaries of the
a and b subgrains, respectively, with the same
orientation in the dark-field image (Fig. 4B).
During compression (movie S3), the coherent
a/b interface moved to the b subgrain and
the [001]-projected area of the a subgrain (Sa)
increased from 1.75 × 104 to 2.00 × 104 nm2

(Fig. 4C). Figure 4D illustrates that the stress-
induced b→a phase transformation is related
to the movement of the coherent interface
during compression.

Mechanism of the b→a phase transformation
in a/b-Si3N4

We simulated the detailed atomic movement
on the coherent interface using first-principle
calculations based on a supercell with a co-
herent a/b interface. The supercell contains
8 atomic layers of the b phase and 12 atomic
layers of the a phase, as shown in the top panel

of Fig. 5B and fig. S16. The transformation
energy barrier from a/b-Si3N4 to b phase is
higher than that from a/b-Si3N4 to a phase
(Fig. 5A), whichmakes the transformation to a
phase more energetically favorable. By com-
paring all possible pathways of the b→a phase
transformation (see figs. S15 and S16), we
rationalized the following pathway for the
b→a phase transformation. The pathway
contains four steps: The first step involves
sliding at the b/a interface, followed by two
steps of intralayer transformation, and a final
step of sliding at the newly formed b/a inter-
face (Fig. 5, B to E). In the first step, an ener-
gy minimum occurs at a displacement of

ffiffi

3
p
3 a

(where a is the lattice constant of the super-
cell) when the b phase layers slide along the
[−110] direction (Fig. 5C and fig. S15A). In the
second step (Fig. 5C), the second layer (marked
in Fig. 5B), which belongs to the b phase, trans-
forms to the a phase via a bond breaking and
rebonding process (marked by the blue and red
triangles in Fig. 5C) with an energy barrier of
0.90 eV (Fig. 5F). The bond breaking and re-
bonding process is also observed in our ab initio
molecular dynamics simulations (fig. S17 and
movie S4). In the third step, the Si atoms in the
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Fig. 5. Density functional theory calculations
showing the pathway of the b→a phase
transformation. (A) Energy landscape of a, b, and
a/b dual-phase with coherent interface. The energy
barrier for the transformation of the a/b dual-phase
structure to a is much lower than that of the
transformation to b. (B) Side view of an b(001)/
a(001) interface before (top) and after (bottom)

sliding along the [−110] direction by
ffiffi

3
p
3 a, in which a is

the lattice constant of the supercell. In step 1, the
b phase slides along the [−110] direction with respect
to the a phase. The orange vertical lines and the
red arrow are used to highlight the sliding direction.
(C) Shown are the top views of the first and second
layers in the bottom panel of (B) (top left) and
the final state after the second layer transforms to
the b phase (bottom left). The side view of the
supercell after the phase transformation is shown at
the top right. In step 2, the second layer of the b
phase transformed to the a phase after the breaking
and rebonding of the Si-N bonds. (D) The top view
of the second and third layers in the top right panel of
(C) (top) and the final state after the third layer
transformed to the b phase (bottom). In step 3, the
Si atoms in the third layer of the b phase rotate
around the central N atoms, as indicated by the
windmills, resulting in the third layer of the b phase
transforming to the a phase. (E) The side views of the
structure in the bottom panel of (D) (top) and the structure after sliding (bottom). In step 4, after the whole b phase slides along the [1-10] direction

by
ffiffi

3
p
3 a, the stacking sequence of the fourth layer of the b phase changes to the a phase naturally. (F) Density functional theory–calculated energy profile of the

interface transformation steps shown in (C) and (D). (G) The shearing of original b atom layers with respect to the a phase during the b→a phase transformation.
Atoms in the same supercell are highlighted to track the corresponding atoms in each step. The orange and blue spheres represent Si and N atoms in the
b phase, whereas the green and light blue spheres represent those in the a phase, respectively.
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third layer rotate around the central N atoms,
leading to the transformation from b phase
to a phase (highlighted by orange and blue
windmills in Fig. 5D) with an energy barrier
of 1.10 eV. In the final step (purple rectangles
in Fig. 5E), the b phase layers slide along the
[1-10] direction by

ffiffi

3
p
3 a, resulting in a stacking

layer of a phase (see fig. S15B for the energy
profile). Therefore, the three neighboring layers
in the b phase are all transformed to thea phase
during this process. Because the atomic struc-
ture of the first layer in the a phase is the same
as that of the fifth layer in the b phase and the
periodicity in the a phase along the [001] direc-
tion is four layers, the remaining b phase could
eventually transform to the a phase by con-
tinuing this process.
The pathways are characteristic of bond

switching of Si-N bonds, [NSi3] unit rotation,
and structure distortion at the interface (figs.
S17 to S21 and movie S4). One crucial process
is the sliding along the [−110] direction, which
is involved in both the first and fourth steps
(figs. S18 and S21) and leads to a shearing be-
tween the two subgrains. Bond breaking and
rebonding of Si atoms with N (or Si) atoms
participate in the process, where the rebond-
ing between the Si atom and another N atom
occurs immediately after the preceding Si-N
breaking, resulting in bond switching. Such
a bond switching mechanism fundamentally
differs from the conventional bond-breaking
mechanism that leads to crack formation.
As elaborated on earlier, the coherent inter-

faces between a- and b-Si3N4 facilitate the
rebonding of atoms after bond breaking, giv-
ing rise to a bond-switching process without
initiating a crack, which always occurs in a con-
ventional bond breaking process. The atomic-
scale sliding leads to a displacement between
the a and b subgrains and subsequently the
[NSi3] unit rotation, as well as structure dis-
tortion, at the interface (Fig. 5G and figs.
S17 to S21). The accumulation of successive
atomic reshufflings from bond switching re-
sults in the stress-induced b→a phase trans-
formation and the subsequent macroscopic
deformability. However, the b→a phase trans-
formation dissipates energy to release the
strain, which helps to avoid fracturing fail-
ure and thus increase the strength. Conse-
quently, the internal stress in the a/b-Si3N4

sample was lower than that in the single-phase
b-Si3N4 after dynamic compression (fig. S22
and table S1).
The stress-induced b→a phase transforma-

tion of Si3N4 is different from the martensitic
t→m phase transformation of ZrO2, despite
their similarities of being diffusionless and
leading to plastic deformation. ZrO2 is com-
posed of ionic bonds, in which the t→mphase
transformation is displacive and realized by a
lattice shearing. By contrast, Si3N4 consists
of directional covalent bonds, and the b→a

transformation cannot be achieved by a lattice
shearing but instead involves an extra rota-
tion of [NSi3] units, which makes the b→a
phase transformation reconstructive rather
than displacive.
We found that bond switching, which is a

prerequisite for the dislocation motion and
phase transformation in metals, can also be
realized in covalently bonded ceramics through
the design of coherent interfaces. However,
other factors that contribute to the increased
strain and strength of a/b-Si3N4 cannot be
excluded, requiring even better illumination
of the interactions between the b→a phase
transformation and stress-strain behaviors.
The absolute values of the strain and strength
from the compression of nanopillar samples
usually differ from those of bulk samples,
requiring better fabrication methods to ob-
tain bulk-scale deformable Si3N4 ceramics
with dual-phase grand structure and coher-
ent interfaces.
Polymorphism has also been found in other

covalent ceramics, which makes it possible to
tailor the dual-phase structure with coherent
interfaces, especially in those with correlated
crystalline structures and atomic distances
(e.g., the cubic and hexagonal phases of sil-
icon carbide). In this sense, we anticipate
that the approach of our present work can
be extended to develop more deformable
ceramics.
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Plastic deformation in silicon nitride ceramics via bond switching at coherent
interfaces
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Chen

Science, 378 (6618), • DOI: 10.1126/science.abq7490

Phasing out fracture
Ceramics are not known for deforming in a plastic manner, instead tending to fracture as a response to loading.
J. Zhang et al. found a method to avoid fracture and dramatically improve the ductility of silicon nitride (see the
Perspective by Frankberg). The authors produced dual-phase silicon nitride samples that turned out to have coherent
interfaces between the phases. This configuration allows for two sliding and two-phase transformation steps during
loading that circumvent the traditional tendency of bonds to break and materials to fracture. If the mechanism works in
other ceramics, then it may be a way to make them more plastic. —BG
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